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Abstract: It has been widely reported that the microstructure refinement of TiAl alloys can be achieved
by massive transformation and subsequent annealing in α2 + γ two phase field. To achieve this goal,
several heat treatment parameters must be adjusted, including the heat treatment temperature
around single α phase field, the annealing temperature, and the annealing time for the precipitation
of α2 phase. Thus, a systematic study is needed for each alloy with different compositions. In this
study, the heat treatment parameters for grain refinement via massive transformation of a high
Nb-containing TiAl are investigated. Precipitation of α2 phase during annealing is observed by
transmission electron microscopy. It is found that 30 min at single α phase field is appropriate for the
massive transformation; a full, massively transformed microstructure cannot be obtained by oil or
water quenching. A short annealing time can result in a refined microstructure, whereas the sizes of
the precipitated α2 phase increases with the increase of annealing time. The α2 phase can form at the
interface of twin boundaries of the γ phase, following the Blackburn orientation relationship with
both sides. The Vickers hardness is measured for the annealed samples, which remains relatively
stable for different annealing times.

Keywords: TiAl alloys; phase transformation; precipitation behavior; electron microscopy

1. Introduction

TiAl alloys have been considered as promising high-temperature structural materials for years,
and their application on blades has been achieved in several alloy compositions [1,2]. Among the
series of compositions of TiAl-based alloys, high Nb-containing TiAl (Nb-TiAl) alloys have attracted
attention due to their superior high temperature strength, oxidation, and creep resistance [3,4]. Studies
of high Nb-TiAl alloys over the past two decades in all aspects but especially the adjustment of
microstructures have continued. For TiAl-based alloys, massive transformation, which is initiated
by cooling from high temperature α phase in a controlled cooling rate to create massive γ phase,
followed by subsequent annealing at α + γ two phase region is proven to be an effective method to
refine the microstructures [5–12]. However, it is commonly agreed that a heat treatment window exists
for each alloy composition; only in this window can the fully massive transformed microstructure be
obtained that is suitable for the following annealing treatments, although the massive transformation is
thought to be displacive only with atom rearrangement across interfaces [7,8,11,13]. For high Nb-TiAl
alloys, although the microstructure is relatively finer than some other TiAl alloys during the common
preparation process, further grain refinement is still necessary, since balanced mechanical properties
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usually exist in fine-grained fully lamellar microstructures [14–16]. Several studies of the massive
transformation in high Nb-TiAl alloys have been conducted, even in alloys with higher amount of Nb
contents [17]. Saage et al. [8] noted that the cooling rates required for initiating massive transformation
apparently depend on the compositions, and the element Ta can increase the tendency of massive γ
formation because of its lower diffusion rate than Nb, which is also supported by the results from
Imayev et al. [11]. However, the addition of B suppresses the formation of the massive γ phase and
increases the tendency of lamellar structure formation by the refinement of the high-temperature α
phase, whereas the cooling rated needed for the onset of massive γ formation is hardly changed [18].
The massive γ phase is commonly reported to nucleate at the grain boundaries during cooling [9,19,20],
which means that a fine-grained initial microstructure can facilitate the massive γ formation. Actually,
the volume fraction of the massive γ phase depends on the specialized window of cooling rates for each
alloy. The temperature range of the single α2 phase field in high Nb-TiAl alloys is rather small [21,22];
thus, a study on the heat treatment temperature for these alloys is needed. For the subsequent annealing
parameters, usually a couple of hours are necessary to create the so-called convoluted structure [6];
however, the influence of annealing time on the resultant microstructure should be shown in detail
for each alloy. As indicated by Sankaran et al. and Zhang et al., the precipitation behavior during
annealing should be investigated [12,23]. The convoluted structure is composed of weaving α2 laths,
and the γmatrix and complex interface structures are expected, especially those formed by neighboring
α2 variants. These interfaces can be a very important factor in the mechanical properties of the refined
microstructure. Although it has been noted that massive transformation may not be the best method
to obtain balanced properties for a whole component in the further manufacturing process due to its
restriction on the sample sizes, the basic knowledge of the phase transformation mechanisms should
be known.

In this study, the heat treatment parameters for adjusting massive microstructures and the
precipitation behavior of the α2 phase in a high Nb-TiAl alloy are investigated using electron
microscopy. The effects of heat treatment parameters on the resultant convoluted microstructure
are discussed. The interfaces between α2 variants and α2/γ phases are observed. Vickers hardness of
the annealed samples is measured as a reference to the mechanical property.

2. Experiments

An ingot of Ti-45Al-8.5Nb-0.2W-0.2B-0.02Y alloy, measuring approximately 730 × 340 × 900 mm3

in size, was prepared by a plasma cold hearth melting furnace. Samples with a gauge of
10 × 10 × 15 mm3 were cut from the center of the upper part of the ingot. A series of samples were
heat treated at 1340 ◦C, 1360 ◦C, and 1400 ◦C for 30 min followed by water-quenching to evaluate
the effects of temperature on the quenched microstructures. One additional sample was kept at
1340 ◦C for 2 h followed by water-quenching. The samples were heated with a resistance furnace
to the target temperatures. To study the effects of cooling rates on the massive transformation,
samples heat treated at 1340 ◦C for 30 min were oil-quenched, air-cooled, and furnace-cooled to room
temperature. The subsequent annealing was conducted at 1250 ◦C for 5 min to 4 h to examine the
effects of annealing time on the convoluted microstructures. In the annealing process, the samples
were put into the furnace prior set to 1250 ◦C, and 5 min were deducted from the total annealing
time for heat conduction. After annealing, the samples were water-quenched. Microstructures of the
samples after these various heat treatments were observed on a Zeiss SUPRA 55 (Carl Zeiss company,
Oberkochen, Germany) field emission scanning electronmicroscope (SEM) using the backscattered
electron (BSE) modeoperated at 15 kV and a working distance of 11 mm. To avoid oxidation, the surface
layer of each sample prior to SEM observation was removed by mechanical polishing. The samples at
different cooling rates and annealing times were examined in a Tecnai G2 F30 (FEI company, Hillsboro,
OR, USA) transmission electron microscope (TEM) operated at 300 kV. The TEM specimens were cut
from the center of the sample and then mechanically ground to 0.08 mm. The thin foils were prepared
by electro-polishing in a solution of 30 mL perchloric acid, 175 mL butan-l-ol, and 300 mL methanol at
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30 V and −30 ◦C. Vickers hardness tests of the as-quenched and annealed samples were conducted on
the polished SEM samples. Each hardness parameter is the average value of at least 10 measurements.
The standard deviations of these parameters are reflected as the error bars in the plotted figure.

3. Results and Discussion

3.1. Effects of Heat Treatment Parameters on the Massive Transformed Microstructure

The as-cast microstructure of the Ti-45Al-8.5Nb-0.2W-0.2B-0.02Y alloy is shown in Figure 1a.
As reported before, the lamellar colony sizes are in the range of 80–120 µm, which are much smaller
than the commercial Ti-48Al-2Nb-2Cr alloy in as-cast state [24,25]. In addition to the grain refinement
effect induced by the high amount of Nb, B can strongly lead to a fine-grained microstructure. Equiaxed
γ grains are observed at the boundary of the lamellar colony (as shown in the insert of Figure 1a),
which can be a result of the coarsening of γ laths during the slow cooling of the large ingot [26]. The βo

phase at the lamellar colony boundary is a result of the order-disorder transformation from the high
temperature β phase; the subsequent ordering within the βo phase can cause the formation of ordered
ω phases, which was reported in detail in our previous research [25]. It should be noted that the α2/γ
laths in the lamellar structure can be distinguished unambiguously in the magnified image, because
the slow cooling rate of the ingot ensured enough time for the thickening of γ laths. Figure 1b–d shows
the SEM images of the samples after quenching from different temperatures. The single α phase field
is reported to be rather small in the phase diagram of high Nb-TiAl alloys [21]; thus, it is relatively
easy for a certain part of the component to be overheated. As a result, overheating can occur so that
the examination of the microstructures cooled from a higher temperature is necessary. It can be seen
from the images that when quenched from 1340 ◦C, a large volume fraction of massive γ phase, i.e.,
approximately 80%, is obtained. The remaining α2 phase is a known result for higher cooling rates
in literature because of the restricted range of the cooling rate for the massive transformation [7,18].
Beside the remaining α2 phase, a tiny amount of βo phase is observed mostly at the boundaries of
the α2 phase. The βo phase is inferred to be the untransformed βo areas in the as-cast microstructure,
because the heat treatment time is only 30 min. The microstructure after quenching from 1360 ◦C is
shown in Figure 1c. Apparently, 1360 ◦C is in the α + β two phase region so that the β phase cannot
be completely consumed by the α phase. The nucleation of β at certain locations is also possible.
The volume fraction of βo areas is much higher and the volume fraction of massive structure is lower
than those in the 1340 ◦C quenched sample. This finding is reasonable, because the nucleation sites of
the massive γ phase are usually at the α grain boundaries. The presence of β phase at this temperature
reduces the number of α grain boundaries. Although it is not clear whether the massive γ phase can
nucleate at the α/β interfaces, the results shown in Figure 1c indicate a negative answer. It is agreed
that the nuclei of the massive γ phase normally follow the orientation relationship, with an α grain on
one side of the grain boundary that grows into the grain on the other side [19,27]. If a massive γ nuclei
appeared at the α/β interface, the growth of γ phase into the neighboring β phase would encounter
a high energy barrier due to the lattice structure and composition. Due to the reduced volume fraction
of the massive γ phase, the amount of remaining α phase becomes higher, which would increase
the heterogeneity in the microstructure if additional annealing was applied. The βo phase also leads
to brittleness. In Figure 1d, in which the temperature was 1400 ◦C, the quenched microstructure
seems similar to Figure 1c. The volume fraction of βo phase is higher due to the increased equilibrium
β phase constitution at this temperature. The magnified image inserted in Figure 1d suggests that
further structural transformation occurs within the βo phase, i.e., the martensite α phase has formed
during quenching [28]. Due to the Burgers orientation relationship between α and β phases, different
α variants appeared in the β matrix (as indicated by the white lines in the image), which further
transform to ordered α2 phase as the temperature decreases [29]. Figure 1e shows the X-ray diffraction
results of the above-mentioned microstructures. The phase constitutions fit well with the observed
results, expect for the reduced diffraction peak of βo phase in the as-cast and 1340 ◦C heat treated
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samples, which is caused by the low volume fractions of βo phase. These results imply that the
precise control of the high temperature heat treatment for high Nb-TiAl alloys is critical prior to
massive transformation.
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Figure 1. SEM images of the as-cast microstructure (a) and microstructures after heat treatment at
1340 ◦C (b), 1360 ◦C (c), and 1400 ◦C (d) for 30 min followed by water-quenching, the corresponding
x-ray diffraction patterns of the above microstructures are shown in (e).

To understand the effects of heat treatment time on the massive transformed structure, an extra
2 h at 1340 ◦C was conducted followed by water-quenching. Figure 2a,b shows the SEM images of
the samples after 30 min and 2 h at 1340 ◦C, respectively. These two images are almost identical in
the volume fraction of the massive γ, as well as remaining α2 phase. Interestingly, the morphology
of borides seems to be different from that in the as-cast microstructure. In the as-cast microstructure,
the borides appear distributed randomly in the whole microstructure and not within a specific phase.
In fact, the borides distribution in the cast material is a result of solidification [30]. In the massive
transformed microstructure, the borides appear to make up circles of various sizes. The black arrows
in Figure 2 indicate the locations of borides. As reviewed by Hu et al., the borides can act as barriers
during the growth of α phase at high temperatures [31]. Based on this understanding, the traces
labeled by the black arrows are actually the previous grain boundaries of a high temperature α grain.
After careful observation of the traces in Figure 2, one can realize that the grain sizes of the α grains
during 1340 ◦C heat treatment are similar, i.e., approximately 200–300 µm in both images, which is
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in accordance with other reports [31,32]. This finding can further lead to the conclusion that the
growth rate of α grains may decrease with the increase of time. As a result, only after 30 min of heat
treatment, the size of α grains can reach a relatively stable value, indicating that longer times have no
significant effect. Although the increase of α grain sizes can expand the cooling rate range of massive
transformation [18], the prolonged heat treatment time may lead to enhanced aluminium depletion or
oxidation. The increased amount of α grain boundaries also serve as the nucleation sites of massive γ,
as implied by Figure 1c, in which most borides are in the center of the massive γ grains. It seems that
the borides at the boundary of α grains may have some effects on the nucleation of massive γ grains,
which is beyond the scope of this article and needs further investigation.
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Figure 2. SEM images of the microstructures after heat treatment at 1340 ◦C for 30 min (a) and 2 h
(b) followed by water-quenching; the arrowheads indicate the boundaries of the former α2 phase at
high temperature.

The effect of cooling rates on the microstructure is depicted in Figure 3. Figure 3a shows the
microstructure after oil-quenching from 1340 ◦C. This morphology is similar to that observed in
the water-quenched sample shown in Figure 2a. The cooling rate of oil-quenching should be lower
than water-quenching; thus, more massive structures were expected in this sample [11]. This result
might be related to the fact that boron has an effect on the kinetics of massive transformation [18].
The cooling rate with the same method will of course change for different specimen sizes. Figure 3b
displays the morphology of the air-cooled sample. The massive γ phase can still be observed but in
a very small volume fraction, which corresponds to the result in Ti-46Al-8Nb alloy [7]. The lamellar
microstructure is observed in this air-cooled sample. It seems that the lamellar colonies are composed
of numerous thin laths. As a result, it is concluded that the cooling rate during air-cooling is not high
enough to generate sufficient massive structures; this outcome is different in the alloy containing Ta,
in which a complete massive microstructure can be obtained during air-cooling. The sample after
furnace-cooling is composed of a fully lamellar microstructure. The α2 and γ laths in the lamellar
colony can be easily distinguished in the low-magnification image, as shown in Figure 3c. These results
suggest that the massive microstructure formation in Ti-45Al-8.5Nb-0.2W-0.2B-0.02Y alloy cannot be
easily achieved by simply using conventional cooling methods, even though there was firm evidence
that a wide range of cooling rate can result in the massive transformed microstructures [33]. As a result,
the precise control of the cooling rate is important. However, at present, this finding is not applicable
for large components, which is the same problem as those encountered by other TiAl-based alloys [6].
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Figure 3. SEM images of the microstructures after cooling from 1340 ◦C by oil-quenching (a); air-cooling
(b); and furnace-cooling (c).

To further examine the microstructure in detail, TEM analysis was conducted on the sample
under different cooling conditions. The results are shown in Figure 4. Similar to that reported in other
TiAl alloys [27,32], the massive γ phase is full of various defects, including numerous stacking faults,
anti-phase boundaries, and dislocations, as displayed in Figure 4a. The density of defects in some
regions of massive γ is so high that it is difficult to find a local area free of defects. This observation
indicates that the stress caused by quenching is very large, which could easily induce cracks in the
microstructure. Obviously, this high cooling rate is not applicable during heat treatment. Similar results
are also observed in the water-quenched samples. These defects were reported to be effective nucleation
sites during annealing. Zhang et al. [23] confirmed that the dislocations and stacking faults can initiate
the nucleation of α phase when annealing above the α transus. The high annealing temperature
and numerous defects cause the nucleation at various positions. The researchers even reported the
existence of a transition phase γ’ in the γ to α transformation. However, this phenomenon is not
observed in the following TEM experiments in this study. Figure 4b is the TEM image of the remaining
α2 phase in the oil-quenched sample. A large number of extremely thin γ laths precipitated in the
α2 phase, following the commonly reported Blackburn orientation relationship: [101]γ//[1120]α2;
(111)γ//(0001)α2. The number and thickness of γ laths seems to be higher than those observed in the
water-quenched sample in our previous research [29], probably because oil-quenching has a lower
cooling rate so that the γ phase could have some time to thicken and stimulate more nucleation. In the
air-cooled sample, however, the remaining α2 phase almost transformed to complete lamellar colonies
full of extremely fine laths (Figure 4c). In fact, it is difficult to distinguish the γ or α2 phase in the
lamellar colony. From the magnified image in Figure 4d, the thickness of the laths is approximately
5–25 nm, which is similar to the same alloy after low temperature annealing [29]. The defects in the
bulk γ phase can still be observed, indicating that air-cooling cannot release the stress in the massive γ
phase even though the α2 phase has transformed into lamellar colonies. The volume fraction of the
massive structure in the air-cooled sample is in fact very low; therefore, a much larger cooling rate
is necessary to form the desired amount of massive microstructure, which seems not available in the
present alloy. Figure 4e,f is the TEM images of the furnace-cooled sample. The clear difference in the
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thickness of laths is apparent compared to Figure 4b,d. Inside the α2 laths the so-called modulated
structure appeared, indicating that further phase transformations occurred. Recently, Rackel et al.
have systematically studied this morphology and claimed that it was actually a combination of α2

and orthorhombic O phase, which formed below 700 ◦C [34]. Figure 4f is the high resolution TEM
(HRTEM) image of this area. It can be seen that there is no clear interface between the O phase and
α2 matrix. The structure of this modulated structure is now being agreed upon and in-depth TEM
characterization was conducted recently, whereas the composition variation is still controversial [35,36].
It should be noted that the interface between α2 and γ phases is very smooth, indicating a relatively
stable state is reached after furnace-cooling.
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Figure 4. (a,b) TEM images of the microstructures after oil-quenching; note the various defects in the
γ phase and the thin γ laths in Blackburn orientation relationship formed inside the bulk α2 grains;
(c,d) TEM images of the air-cooled sample; the gray contrast areas are actually extremely thin lamellar
structures; (e,f) the α2 laths in the furnace-cooled sample decomposed into a complex structure of
α2 + O phases; the HRTEM image displays the coherent or semi-coherent interfaces between α2 and
O phases.
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3.2. Precipitation Behavior of α2 Phase during Annealing at 1250 ◦C

A series of annealing treatments were conducted at 1250 ◦C for different times to examine the
influence of annealing time on the massive microstructure. Figure 5a,b shows the SEM images of the
samples after annealing for 5 min and 2 h. In general, the morphologies of these two images are similar.
The α2 phase precipitated both at the grain boundaries of the massive γ phase and inside the γmatrix.
Due to the Blackburn orientation relationship, every γ grain could have four α2 variants precipitated
inside, each with their {0001}α2 planes parallel with one of the four {111}γ planes. Thus, the grains are
uniformly refined by annealing. It has been reported that those globular α2 grains precipitated at the
grain boundaries nucleate and grow faster than those inside the γmatrix [12]. Although this growth is
not reflected on the SEM images in Figure 5, it can be reasonably deduced from the following TEM
image in Figure 6, in which the α2 grains at the grain boundaries usually grow ahead of the α2 laths.
Almost all of the massive γ boundaries are circled by the precipitated globular α2 grains, indicating
that nucleation at the boundary is very common. This finding is likely due to the disordered atom
arrangements at the grain boundary providing enough driving force for the nucleation, whereas the
α2 laths formed within the γ phase need a higher driving force due to the coherent interface between
the nuclei and matrix. The α2 precipitates in the sample annealed for 5 min are much smaller than
those in the 2 h annealed sample. The width of needle-like α2 precipitates in Figure 5a is mostly
less than 1 µm, and the globular α2 grains are approximately 3 µm in size. These results suggest
two conclusions: first, only a short annealing time is necessary to initiate abundant precipitates to
form a refined microstructure. Second, even though the globular α2 grains form earlier than the
needle-like α2 precipitates, the nucleation of these two kinds of α2 phase is finished in a very short
time. After examining the other samples with different annealing times, it is found that no essential
changes appeared, expect for the sizes of the precipitates. Therefore, to avoid the excessive growth of
the α2 phase and obtain a stable microstructure, the annealing time should be carefully adjusted.

Metals 2018, 8, x FOR PEER REVIEW  8 of 13 

 

lamellar structures; (e,f) the α2 laths in the furnace-cooled sample decomposed into a complex 
structure of α2 + O phases; the HRTEM image displays the coherent or semi-coherent interfaces 
between α2 and O phases. 

3.2. Precipitation Behavior of α2 Phase during Annealing at 1250 °C 

A series of annealing treatments were conducted at 1250 °C for different times to examine the 
influence of annealing time on the massive microstructure. Figure 5a,b shows the SEM images of the 
samples after annealing for 5 min and 2 h. In general, the morphologies of these two images are 
similar. The α2 phase precipitated both at the grain boundaries of the massive γ phase and inside the 
γ matrix. Due to the Blackburn orientation relationship, every γ grain could have four α2 variants 
precipitated inside, each with their {0001}α2 planes parallel with one of the four {111}γ planes. Thus, 
the grains are uniformly refined by annealing. It has been reported that those globular α2 grains 
precipitated at the grain boundaries nucleate and grow faster than those inside the γ matrix [12]. 
Although this growth is not reflected on the SEM images in Figure 5, it can be reasonably deduced 
from the following TEM image in Figure 6, in which the α2 grains at the grain boundaries usually 
grow ahead of the α2 laths. Almost all of the massive γ boundaries are circled by the precipitated 
globular α2 grains, indicating that nucleation at the boundary is very common. This finding is likely 
due to the disordered atom arrangements at the grain boundary providing enough driving force for 
the nucleation, whereas the α2 laths formed within the γ phase need a higher driving force due to the 
coherent interface between the nuclei and matrix. The α2 precipitates in the sample annealed for 5 
min are much smaller than those in the 2 h annealed sample. The width of needle-like α2 precipitates 
in Figure 5a is mostly less than 1 μm, and the globular α2 grains are approximately 3 μm in size. 
These results suggest two conclusions: first, only a short annealing time is necessary to initiate 
abundant precipitates to form a refined microstructure. Second, even though the globular α2 grains 
form earlier than the needle-like α2 precipitates, the nucleation of these two kinds of α2 phase is 
finished in a very short time. After examining the other samples with different annealing times, it is 
found that no essential changes appeared, expect for the sizes of the precipitates. Therefore, to avoid 
the excessive growth of the α2 phase and obtain a stable microstructure, the annealing time should 
be carefully adjusted. 

 
Figure 5. SEM images of the microstructures following annealing at 1250 °C for 5 min (a) and 2 h (b) 
after water-quenched from 1340 °C. 
Figure 5. SEM images of the microstructures following annealing at 1250 ◦C for 5 min (a) and 2 h (b)
after water-quenched from 1340 ◦C.



Metals 2018, 8, 89 9 of 14

Metals 2018, 8, x FOR PEER REVIEW  9 of 13 

 

 

 

 
Figure 6. (a) TEM image of the precipitated α2 laths in the massive transformed γ phase; different 
variants are observed growing along various {111}γ planes; (b–d) SAD patterns of the corresponding 
circled areas in (a), indicating the α2 variants following the Blackburn orientation relationship and 
the twinning of the γ phase; (e,f) TEM image and the corresponding SAD pattern of the globular α2 
grains formed at the boundary of the γ phase; the α2 grains tend to form the Blackburn orientation 
relationship with one side of the γ phase. 

The TEM observations of the sample after annealing for 5 min are displayed in Figure 6. The 
needle-like α2 precipitates are clearly imaged in Figure 6a. Because there are four α2 variants along 
{111}γ planes, it is difficult to observe all the variants in a single image. The α2 precipitates seem to 
arrange in groups in which a couple of precipitates tend to form close to each other. However, this 
mechanism is not clear. The width of the precipitates at the edge is smaller than in the middle of the 
lath, indicating that the laths are growing and indicating that a continuous change in width occurred 
along their long axis. Compared to Figure 4a, the number of defects in γ grains is reduced, but a 
number of dislocations still exist. Figure 6b–d are the selected area diffraction (SAD) patterns 

Figure 6. (a) TEM image of the precipitated α2 laths in the massive transformed γ phase; different
variants are observed growing along various {111}γ planes; (b–d) SAD patterns of the corresponding
circled areas in (a), indicating the α2 variants following the Blackburn orientation relationship and
the twinning of the γ phase; (e,f) TEM image and the corresponding SAD pattern of the globular α2

grains formed at the boundary of the γ phase; the α2 grains tend to form the Blackburn orientation
relationship with one side of the γ phase.

The TEM observations of the sample after annealing for 5 min are displayed in Figure 6.
The needle-like α2 precipitates are clearly imaged in Figure 6a. Because there are four α2 variants
along {111}γ planes, it is difficult to observe all the variants in a single image. The α2 precipitates
seem to arrange in groups in which a couple of precipitates tend to form close to each other. However,
this mechanism is not clear. The width of the precipitates at the edge is smaller than in the middle of the
lath, indicating that the laths are growing and indicating that a continuous change in width occurred
along their long axis. Compared to Figure 4a, the number of defects in γ grains is reduced, but a number
of dislocations still exist. Figure 6b–d are the selected area diffraction (SAD) patterns obtained in
the corresponding circled areas in Figure 6a. These three locations are the interfaces between the α2

precipitates and γmatrix. All three locations display the Blackburn orientation relationship. If carefully
observed, one can find some detailed characteristics from these patterns. The SADs in Figure 6b,c
are actually taken within one γ grain. The basal plane of the α2 precipitates in Figure 6b is parallel
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with the (111)γ plane, while that in Figure 6c is parallel with (111)γ. There is an approximately 71◦

deviation between the basal planes of these two α2 variants. When examining the SAD in Figure 6d,
a distinct zone axis of the γ phase is recorded, which is indexed as a twinning diffraction. This finding
indicates that the γ lath in the lower part of Figure 6a is in a twin relationship with the upper γ grain.
Twinning in the massive transformed microstructure is very common, and successive twinning was
claimed as the main growing mechanism during the development of a massive structure [19]. The SAD
recorded in Figure 6d includes an α2 lath formed at the twinning interface that certainly follows the
orientation relationship, which is the same as that in Figure 6c. Thus, a twinning interface can serve
as nucleation site of α2 precipitates. Because there are four equivalent twinning planes in massive γ,
nucleation on twinning interface is inferred to be relatively easier than in the matrix, but still presents
convoluted characteristics. The twinning mechanism in the development of the massive structure is
very useful and beneficial to establish an anisotropic annealed microstructure. The globular α2 grains
formed at the boundaries of massive γ are shown in Figure 6e, and the corresponding SAD is shown in
Figure 6f. It can be seen that several α2 grains are in the same orientation with respect to the γ phase,
and the sizes of these grains are also similar, suggesting these α2 grains are developed from one side of
the γ phase, remaining a relatively flat habit plane. This observation is analogous to that reported by
Sankaran et al. and Kumagai et al. [12,37], in which the grain boundary α2 precipitates transformed
into lamellar in the following slow cooling process. Therefore, it is expected that if the annealing was
not followed by water-quenching but by furnace-cooling, the globular α2 precipitates would transform
to lamellar colonies.

To further explore the precipitation behavior of the α2 phase, HRTEM observation was conducted
on the interfaces between α2 variants and the α2 and γmatrix. Figure 7a exhibits the interface between
two α2 variants formed from the same γ matrix. As described before, there is a 71◦ deviation between
their (0001) zone axes. The interface is not totally disordered, and at some locations, the atoms are
arranged well. Thus, limited defects are present at the interface, which is inferred to be a result
of the atom rearrangement at the interface, reducing the interfacial energy, which is similar to the
self-accommodation between α2 variants [38]. The reported self-accommodation effects were observed
in titanium alloys and the angle between (0001)α2 planes was 60◦, which was caused by the Burgers
orientation relationship during the disordered β to α transformation [38]. For TiAl alloys, the 71◦

deviation is easy to understand in the massive transformation; however, detailed observation of the
interface is scarce. With regard to the deformation mechanism, these interfaces become more important,
because they are definitely very common in the annealed massive structure and can have a significant
effect on the crack nucleation and propagation process. It can be seen from the image that the interface
between α2 and γ is not coherent but has a few ledges, suggesting the thickening of the α2 laths,
which is more clearly shown in Figure 7b. The inverse fast Fourier transformed image obtained from
the series diffractions of (0001)α2 in Figure 7b is shown in Figure 7c. Many ledges caused by interface
dislocations are labeled in Figure 7c. As indicated in the literature, the thickening of α2 precipitates
is achieved by the movement of dislocations [21,35]. Many dislocations at the interface confirm
this conclusion. The dislocations seem to form a line that marks the traces of the interface (roughly
indicated by label “1” and “2”). The dislocations are mostly concentrated in these two lines, suggesting
the interface has moved towards the γ matrix during annealing. As seen in line “2”, the lower part of
Figure 7b is the α2 phase while the upper part remains in the γ phase. The annealing temperature is
high so that the glide or climb of dislocations can be easily motivated. However, the nucleation of the
α2 phase is thought to be displacive; thus, the nucleation can be more active than growth, resulting in
the numerous thin α2 laths observed in Figure 5a.
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3.3. Hardness Tests on the Annealed Samples

To evaluate the mechanical properties of the annealed samples, Vickers hardness tests were
performed on samples annealed for different durations. Figure 8 displays the values and the variation
tendency of the results. The highest hardness value occurs in the samples quenched from 1340 ◦C;
this is reasonable because the as-quenched microstructure was composed of massive γ phase with
numerous defects and bulk α2 which is difficult to deform. After annealing, the highest hardness
appears in the short-term annealed sample (5 min), and it decreases with the increase of annealing time.
After 30 min annealing, the hardness values seem to remain stable even if the annealing time reaches
4 h. Considering the microstructure examination mentioned above, the sample annealed for 5 min
presents the finest microstructure (Figure 5a). With the increase of annealing time, the needle-like and
the globular α2 grains become coarser. It is expected that the dislocations in the finest microstructure
have the shortest glide distance compare to the others. The observed interface in Figure 7a could
also serve as the source of dislocations, which reach the largest amount at the beginning of annealing.
Extensive twinning may play an important role in this sample, since it is known that the interface
between the α2 and γ phase is very effective in stimulating twinning deformation [39,40]. With the
coarsening of precipitates in the long-term annealed samples, the glide distance of dislocations may
not change significantly, because the nucleation is finished and the relative distance between grains
has become increasingly stable. However, it should be noted that the variation in hardness values
is not drastic in the annealed samples. The evolution of hardness is in accordance with many other
alloys except that the highest value is obtained in a very short time, which is difficult to control.
The annealing temperature and time can be further optimized in future research.
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4. Conclusions

In this study, the effects of heat treatment parameters on the massive microstructure and
microstructure evolution during annealing are investigated. The precipitation behavior of the α2

phase is observed in detail; and the hardness of the annealed samples is measured. A considerable
amount of the βo and α2 phase could remain if the heat treatment temperature is slightly higher than
the range of single α phase field. There are no distinct differences in the quenched microstructures
after 30 min and 2 h at 1340 ◦C. The critical cooling rate for obtaining a fully transformed massive
microstructure appears lower than oil-quenching but higher than air-cooling. α2 precipitates can
nucleate on the twin boundaries of the massive γ phase. Although the nucleation of globular α2

grains is faster than that of needle-like α2 laths, a considerable amount of nucleation is finished in only
5 min. A certain interface rearrangement mechanism similar to the self-accommodation effects appears
applicable for the α2 variants with 71◦ deviation. The interface between α2 variants is semi-coherent.
The thickening of α2 laths is achieved by the movement of interfacial dislocations.
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