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Abstract: In this study, the synergistic behavior of Ni and Al in two low-density steels (Fe-26Mn-
10.2Al-0.98C-0.15V (wt. %) and Fe-29Mn-5Al-1C-12Ni (wt. %)) and their influence on microstructures
and mechanical properties were investigated. The chemical composition of κ-carbides and B2
precipitated particles as a function of annealing and aging temperature and the matrix within which
they formed were elucidated. The microstructures and deformation mechanisms of both steels
were studied based on their strengthening contribution. The Fe-26Mn-10.2Al-0.98C-0.15V steel
mainly realized precipitation strengthening through κ-carbides and grain boundary strengthening
due to full recrystallization. The strengthening caused by Fe-29Mn-5Al-1C-12Ni steel was mainly
due to the presence of the B2 phase in the matrix, which was non-coherent with FCC. This led to
the Orowan bypass mechanism, which made precipitation strengthening the main strengthening
contribution. The synergistic effect led to the shear or bypass mechanism of both steels when plane
dislocation slip occurred. In addition, it also had an influence on the work-hardening capability
during plastic deformation. This study provides a promising way to further enhance the yield
strength of low-density austenitic steels through the synergistic effect of Ni and Al.

Keywords: low-density steel; B2; κ-carbide; strengthening contribution

1. Introduction

The aim of the development of light-weight steels with excellent mechanical properties
through adjusting the composition is to make cars safer to drive on one hand and to improve
the energy efficiency of the automotive industry on the other hand, thereby reducing fuel
consumption and reducing the pressure caused by environmental pollution. This has
become a top priority for the auto industry. Therefore, light-weight steel with the addition
of aluminum is regarded as a powerful alternative to traditional structural steel due to
its low density, high strength and excellent ductility [1–3]. Generally, light-weight steel
contains Mn, Al and C elements, and its composition is roughly 20–30 wt. %, 6–10 wt. %
and ~1 wt. %. The Al content greatly affects the density of light-weight steels. Low-density
steels can be divided into four types, austenitic steels, austenite-based duplex steels, ferritic
steels, and ferrite-based duplex steels, according to the hot-rolled structure [4,5].

After these steels are subjected to heat treatment under appropriate temperatures
and time periods, it is likely to lead to the formation of other complex micro/nano-scale
precipitation, for instance, κ-carbides ((Fe, Mn)3AlCx), B2 (FeAl), D03 (Fe3Al) brittle in-
termetallic compounds and β-Mn along grain boundaries [4]. κ-carbide could be readily
sheared by slip dislocations, and this restricts its ability to intensify steels. NiAl-type B2
particles are precipitated in the matrix, improving the properties. Uniformly distributed
ultrafine intermetallic B2 precipitates are also crucial to improve the strength and ductility
of alloys [6,7].

One of the current challenges facing light-weight steels is that they cannot meet the
requirements of some products, such as low or no deformation in the process of automotive
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structural reinforcement. Many studies have proposed measures to improve yield strength
to address this problem [8,9]. One of them is to control the size and location of the
precipitated phase. It is reported that changing the aging time affects the size and volume
fraction of carbides in austenitic steel, and the work-hardening rate decreases with the
increase in the size and volume fraction of carbides [10]. In addition, the mechanical
properties can also be improved by adjusting the alloying element content. The results of
Kim et al. [11] indicated that the addition of Ni elements can promote the formation of the
B2 phase and hinder the dislocation movement, which improves the mechanical properties.

Though Fe-Mn-Al-C steels with single-element addition have been studied in the
past, the synergistic effects of multiple elements on the work-hardening behavior of alloys
have not been technically researched. In this study, the mechanical properties of steel
were improved by adjusting the composition of Al and Ni. The deformation mechanism
and strengthening mechanism were analyzed from the perspective of microstructure and
strengthening contribution. So, a new method to improve the mechanical properties of steel
by regulating the proportion of Al and Ni is presented, and the strengthening contribution
of the strengthening mechanism is discussed.

2. Experimental Procedure
2.1. Materials Preparation

The steels used in this study had the nominal compositions of Fe-26Mn-10.2Al-0.98C-
0.15V (wt. %) and Fe-29Mn-5Al-1C-12Ni (wt. %), which were austenitic-based duplex
steels and single-phase austenitic steels (referred to as D and S, respectively). The materials
used in this study were provided by TISCO Group. The surveyed compositions of these
steels are listed in Table 1. For D, the sample was solution-treated at 1050 ◦C for 10 min and
then water-quenched, and the sheet was further cold-rolled by 80% thickness reduction
and recrystallization and annealed at 930 ◦C for 2 h (denoted as D-R930 hereinafter). The
recrystallized material was aged at 500 ◦C for 5 h (denoted as D-RA500 hereinafter). For
S, the as-hot-rolled sheets were subjected to cold rolling with a reduction of 80%. The
sheet was then annealed at 850 ◦C and 1000 ◦C for 30 min. Test sheets cut from the heat-
treated sheet at 1000 ◦C were aged at 800 ◦C for 3 h. The specimens annealed at 850 ◦C
are referred to as S-R850 specimens and the specimens aged at 800 ◦C are referred to as
S-RA800 specimens. Figure 1 shows the heat treatment process flow diagram.

Table 1. Chemical compositions and densities of experimental steels.

Steel Element Concentration (wt. %) Density (g/cm3)

Mn Al Ni C V Fe
D 26 10.2 0.98 0.15 Bal. 6.523
S 29 5 12 1 Bal. 6.845
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2.2. Microstructural Characterization

The microstructures of the steels were characterized by X-ray diffraction (XRD)
(Malvern Panalytical, Malvern, UK), transmission electron microscopy (TEM) (FEI, Hills-
boro, OR, USA) and scanning electron microscopy (SEM) (PHENOM SCIENTIFIC, Rotter-
dam, The Netherlands) with an electron backscatter diffraction (EBSD) (JEOL, Tokyo, Japan)
probe. XRD scans were detected by using Cu Kα radiation with the scanning angle range of
2θ being 30–120◦. After mechanical grinding and polishing, the samples for microstructure
detection were corroded with the solution of HNO3 (4%) and ethyl alcohol (96%) and
then observed by SEM with an energy-dispersive X-ray spectrometer (EDS) (PHENOM
SCIENTIFIC, Rotterdam, The Netherlands).

2.3. Tensile Tests

The specimens that were 12.5 × 3 × 1 mm3 in size were cut along the rolling direction
(RD) from the treated rods. Quasi-static tensile tests were carried out by an Instron 5969 uni-
versal testing machine (INSTRON, Norwood, MA, USA) with a strain rate of 1 × 10−3 s−1.
At least three samples were experimented on to ensure the reliability of the data.

3. Results
3.1. Microstructures

The X-ray diffractograms of the investigated materials in different states are given in
Figure 2. Both austenite (FCC) diffraction peaks and ferrite (BCC) diffraction peaks existed
in these samples. Due to the fact that the precipitated phase is in the nanometer scale, it is
difficult to detect precipitates from the XRD pattern.
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Figure 2. XRD spectra of experimental steels after heat treatment.

Figure 3 shows the microstructures and grain sizes of the tested steels by SEM. The D-
RA500 steel is mainly characterized by irregular austenite with a tiny amount of annealing
twins and some ferrites (Figure 3a), while the D-R930 steel exhibits a considerable amount
of ferrites (Figure 3b). Figure 3c indicates that it is in a heterogeneous state, and Figure 3d
shows single-phase austenite. However, it can be found that there are precipitates on the
matrix surface of both samples. In order to further explore their deformation mechanisms
and strengthening contribution, one group was selected for subsequent characterization
according to their tensile curves. Figure 3(a1,a2) show the EBSD diagram and grain size
distribution for D-RA500, respectively. Combined with the XRD pattern (Figure 2), it can
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be concluded that the FCC phase fraction and BCC phase fraction are 53.4% and 46.6%,
respectively. The FCC phase includes the austenite matrix and carbide.
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Figure 3. SEM morphologies of the tested steels after heat treatment for (a) D-RA500, (b) D-R930, (c) S-
R850, and (d) S-RA800 steel; (a1) EBSD phase maps (red and yellow colors refer to the austenite and
ferrite phases, respectively) of the D-RA500 steel; (a2) grain size distributions of the D-RA500 steel.

3.2. Precipitation Behavior

Figure 4 shows the microgram by TEM and selected area electron diffraction (SAED)
patterns for the D-RA500 steel. The dual-phase grain boundaries for the D-RA500 steel
are visible and there are annealing twins (Figure 4a). As shown in Figure 4b,c, the SAED
patterns reveal the co-existence of ferrite and austenite, which are selected according to the
zone axis. Some dislocation lines can be recognized inside the austenite region in Figure 4d.
For the D-RA500 steel shown in Figure 4e,g, some tiny particles are precipitated in the
matrix, and there are some fixed dislocations in the austenite grains. Subsequent analysis
demonstrates that two types of diffraction spots exist, the austenite in the matrix (red) and
κ-carbide (blue) (Figure 4h), which means that there is nano-sized carbide in the D-RA500
steel. As shown in Figure 4i, κ-carbides are uniformly distributed in the matrix.

Detailed TEM analyses of the microstructure have been conducted, and the results
are exhibited in Figure 5. As for the S-R850 samples, the dislocation walls are close to
the grain boundaries constituted of some tangly dislocations (Figure 5a). Some twins
and stacking faults are formed, and the SAED analysis can provide conclusive evidence
(Figure 5b,c). Figure 5d shows that the S-R850 steel has a heterogeneous microstructure,
and there is a clear distinction between the recrystallized region and non-recrystallized
region. Figure 5e presents the austenitic matrix with a certain amount of precipitates (in
bright contrast) for the S-R850 steel. These have been determined to be (Ni, Al)-rich B2
areas in the corresponding EDS maps (Figure 5g). The B2 phase and the austenitic matrix
are incoherent.
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image of γ and B2; (f) STEM image. Austenitic matrix and B2 are identified by FFT patterns, and the
B2 phase is detected by EDS maps in (g).

3.3. Tensile Properties and Deformation Structure

Figure 6 displays the engineering stress–strain curves of the two experimental steels
and the corresponding work-hardening rates, and the mechanical properties are shown
in Table 2. For the D-R930 steel, it has a yield strength of ∼680 MPa, an ultimate tensile
strength of ∼940 MPa and a total elongation of ∼39% (Figure 6a). After aging at 500 ◦C
for the D-RA500 steel, the yield strength increases to ∼875 MPa, and the ultimate tensile
strength of the steel is ∼1035 MPa. But its ductility becomes worse than the D-R930 steel
(total elongation of ∼21% vs. 39%). The yield strength and ultimate tensile strength for
the S-R850 steel are 865 MPa and 1150 MPa, respectively, while they are 630 MPa and
1065 MPa for the S-RA800 steel, respectively, which are 235 MPa and 85 MPa lower than
those. The total elongation of the S-R850 steel (27%) is shorter than that of the S-RA800
steel (36%). Figure 6b shows the work-hardening rate and true stress–strain curves of the
experimented steels. At the beginning, the work-hardening rate decreases at a very fast
rate, gradually reaches a peak with the increase in strain, and then decreases until the
occurrence of fracture (Figure 6b). Interestingly, it is found that the yield strength, tensile
strength and tensile ductility of the D-RA500 steel and the S-R850 steel are roughly the
same, and they are further analyzed in combination with corresponding microstructures.
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Table 2. Tensile properties of both steels in as-annealed and as-aged conditions.

Specimen State YS (MPa) UTS (MPa) Total EI. (%)

D as-annealed(D-R930) 680 940 39
as-aged(D-RA500) 875 1035 21

S as-annealed(S-R850) 865 1150 27
as-aged(S-RA800) 630 1065 36

The fracture surfaces for the D-RA500 and the S-R850 samples after tensile tests are
summarized in Figure 6, which are detected by SEM. For the D-RA500 steel, it presents a
mixed mode of inter-granular and cleavage fracture. For the S-R850 steel, it can be found
that there are a large number of dimples on the fracture surface, so it can be known that the
fracture mode of the sample is mainly ductile fracture.
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To reveal the microstructures and deformation mechanisms of the D-RA500 steel,
TEM analysis was employed, as shown in Figure 7. Figure 7a displays the slip marks of
dislocations. The plastic deformation is mainly dominated by dislocations, and it shows
apparent planar slip features, that is, the dislocation is arranged in two directions. The
plane slip bands from different slip systems cross randomly, with a Taylor lattice texture
arising with a space of several hundred nanometers (Figure 7b). The network structures are
thinned with straining, which is the primary cause for outstanding work hardening. With
the increase in strain, many new slip bands are active and the slip band spacing becomes
smaller, resulting in the slip bands’ refinement, which can inhibit high strain in local areas.
This can avert the occurrence of highly local straining in the slip zone, which leads to crack
generation and premature failure. The planar slip feature disappears and is displaced by
many dislocation tangles (Figure 7c). Figure 7d indicates the bright-field (BF) graph of the
sample, and some annealed twins can be seen in Figure 7e.
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The deformation structures of the S-R850 steel are surveyed by TEM (along a zone
axis) and the experimental findings are presented in Figure 8. As shown in Figure 8a,
the dislocations have a random distribution in the austenitic matrix for the tested sample.
Meanwhile, when the plastic deformation is large, highly local straining takes place, re-
sulting in the dislocation plugging. As a result, high dislocation density walls (HDDWs)
and Taylor lattices (Figure 8a,b) form. These dislocation structures have obvious plane
slips [12]. HDDWs are characterized by high dislocation activity and a dense array of
parallel dislocations. The selected area diffraction patterns (SADPs) of the S-R850 specimen
reveal the presence of austenite grains, as shown in Figure 8c. The presence of microbands
in locations with significant strain, as depicted in Figure 8d, is indicative of the occurrence
of planar glide. Meanwhile, the deformation twins appear in the S-R850 sample, and their
morphology is very different from that of annealing twins. The B2 phase in the sample
hinders the movement of the slip bands to some extent, resulting in multiple crosses of the
slip bands near B2, and thus, dislocation blockage (Figure 8f). In order to further explore
the precipitated particles in Figure 8g, high-resolution TEM (HR-TEM) is used, combined
with the corresponding fast Fourier transform (FFT). The consequences are exhibited in
Figure 8h. Furthermore, in Figure 8i for the graph of precipitation, the interplanar spacing
for the signed B2 particle is approximately 0.241 nm. As obviously shown in Figure 8g,
the B2 particles precipitated in the S-R850 steel are widespread, and most of them are
approximately elliptical or circular. Annular dark-field (ADF) STEM analysis (Figure 8j)
further demonstrates the precipitation of B2 phases in the S-R850 steel. For the S-R850 steel,
STEM-EDS mapping images indicate that the B2 nano-particles are enriched in Ni and Al
elements but poor in Fe and Mn elements (Figure 8k) [13].
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4. Discussion
4.1. Stacking Fault Energy of Both Steels

In steels, the plastic deformation mechanism for the austenite (γ) is decided by the
stacking fault energy (SFE) [14]. The content of Fe-Mn-Al-C steel has a great influence on
its SFE value, particularly the Al content [1,15,16]. The following equations are generally
used for the SFE value of austenitic steels [15,17]:

SFE = 2ρ∆Gγ→ε + 2ρ∆Gγ/ε + 2ρ∆Gex (1)

ρ =
(

4/
√

3
)(

1/α2
γN
)

(2)

∆Gγ→ε = ∑ Xi∆Gγ→ε
i + ∑ XiXj∆Gγ→ε

ij + ∆Gγ→ε
mg (3)

∆Gex = 170.06 exp(−d/18.55) (4)

where ρ is the molar surface density along the (111) planes; ∆Gγ→ε is the Gibbs free energy
of phase transformation from γ to ε; σγ/ε is the energy of the γ/ε interface, which is
10 J m−2 [17]; ∆Gex is a parameter indicating the impact of grain size on SFE; αγ is the
lattice parameter of the material; N is Avogatro’s number, where, here, it is 6.2 × 10−23; Xi
and Xj are the molar fractions of the pure i and j alloying elements; ∆Gγ→ε

i is the value of
free energy from the FCC to HCP structure of the alloying element; ∆Gγ→ε

ij is the energy of

the interaction in two components; ∆Gγ→ε
mg is the Gibbs energy of the magnetic condition.
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According to the corresponding grain size and the method of empirical estimation of
SFE based on the chemical composition of the steels [17–19], the SFE of both steels can be
obtained as 77 and 73 mJ/m2, respectively. The SFE value of the full austenitic steel-like
type 310 steel ranges from 34 to 80 mJ/m2 [20,21]. The difference in SFE in both steels is only
4 mJ/m2. Therefore, it can be concluded that the synergistic effect of Al and Ni in a certain
range has little effect on SFE, and the SFE value and the existence of an internal precipitated
phase make it mainly show plane slip characteristics during plastic deformation.

4.2. Microstructural Evolution

κ-carbides are one of the most common precipitated phases in light-weight steels [22,23].
Al promotes the formation of ferrite [24], while Mn and C stabilize the austenite region [25].
Due to the formation of κ-carbides, the elements are redistributed during heat treatment [26].
Previous studies [1] have revealed that due to the formation of κ-carbides, the alloying
elements of Al, Mn and C migrate from nearby austenite and ferrite regions into the
κ-carbides.

When the content of C and Mn is fixed, the critical value of Al content of low-density
light-weight steels can be counted by using the following formula if κ-carbide is to be
formed [4]:

CAl = 10.204(1 − 0.0054CMn − 0.208CC) (5)

where CAl , CMn and CC are the mass fractions of the corresponding elements, respectively.
It is found that the content of Al in D-RA500 steel (Table 1) is obviously higher than
the calculated critical value of CAl (6.69 wt. %), which indicates that κ-carbides can be
precipitated. In contrast, the Al content of the S-R850 steel is below the critical value of CAl ,
so no κ-carbide precipitates. In addition, if aγ in the material is below the critical lattice
constant of the austenite aγc (0.3670 nm), it is difficult to find the formation of κ-carbides
in the alloy [4]. For the tested materials, aγ can be calculated using the corresponding
parameters measured by XRD and combined with the following equation [27]:

aγ = λ/(2 × sinθ)×(h2 + k2 + l2)1/2 (6)

where θ is the angle of diffraction; λ is the wavelength of the X-ray (0.154 nm); and h, k and
l are parameters of the austenite-dependent surfaces. According to Equation (6), the lattice
parameters aγ of both steels can be obtained to determine whether they are conducive to
the formation and growth of κ-carbides. The lattice constant of D-RA500 steel is 0.3747 nm,
and the lattice constant of S-R850 steel is 0.3132 nm. By comparing these values with the
critical value, it can be preliminarily concluded that there is no κ-carbide in S-R850 steel,
and κ-carbide exists in D-RA500 steel. This result is also consistent with the microstructure
observed by TEM characterization. Therefore, the value in lattice parameters could be
one of the reasons for the formation of κ-carbides in the D-RA500 and the S-R850 steels.
The κ-carbides precipitated along the grain boundary and the ferrite of the matrix have a
pinning effect, which has a certain resistance to the growth of austenite grains.

Twinning usually has an influence on the structures and mechanical properties of
light-weight steels [14]. At a low annealing temperature, annealing twins cannot be formed
due to insufficient growth kinetics, and after increasing the annealing temperature, some
twins appear in both steels (Figures 7d and 8e). Meanwhile, the κ-carbides precipitate
at the twin boundary and the twin telos, which hinders the deformation and growth of
the twin [28].

The most notable microstructural characteristic of the treated S-R850 steel is a large
number of nanoscale B2 precipitated phases in the matrix, which can be seen from Figure 3c.
In previous studies, it has been found that after the annealing of Ni-containing steels,
the microstructure of the plate-shaped B2 particles could be formed, the size was large
(~10 µm) and the distribution was homogeneous [29,30]. It is found that most of the B2
particles are elliptical or circular (size: ~0.13 µm) in the S-R850 steel (Figures 3c and 5e),
because the B2 phase is formed in the austenite matrix during annealing, which consumes
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the content of Ni and Al in the austenite and inhibits the coarsening of B2 in other regions
of the matrix [31].

By means of characterization, it can be seen that the microstructure of steel contains a
lot of B2 phases precipitated in the austenite, which could be obtained by annealing and
water quenching. Compared with other light-weight steels, this microstructure, which
combines a soft matrix and a hard second phase, has better mechanical properties, as shown
in Figure 9b. In addition, it is found that the results of this paper are not consistent with
the results of Kies et al. [13], pointing out that when the content of the B2 phase reaches a
constant value of 6.8 vol. %, the ductility will be significantly reduced. So, it is necessary
to reduce the B2 content as much as possible. Compared with previously studied steels,
S-R850 steel has higher content (22.8% vs. 6.8%), but its ductility is more excellent. This
indicates that the deterioration effects caused by the content of the B2 phase can be avoided
by regulating the form of the B2 phase, and better performance can be obtained.

Because of the small size of the B2 phase, XRD detection is limited. When detecting the
B2 phase, it is found that the corresponding peak broadening range is very large. As a result,
the B2 phase peak appears shallow in the diffraction pattern (see Figure 2), which results
in weak superlattice reflection and considerable peak overlap. The incoherent B2 phase is
formed. It is obvious the B2 precipitated phase is unable to be sheared by the dislocations
of plane slip (Figure 8f). According to Refs. [11,32,33], B2 particles and FCC phase have
an incoherent relationship, that is, a non-coherent interface is formed. When dislocations
move, the B2 phase particles cannot be cut, and the dislocation ring is formed, resulting in
dispersion strengthening, and the back stress will be induced on the subsequent dislocation
motion, resulting in higher flow stress, that is, the Orowan bypassing mechanism. Then,
Orowan loops and corresponding strain gradients appear near precipitations. The loops are
known as geometrically necessary dislocations (GNDs) and improve the work-hardening
capacity of the material in two ways [34]. Firstly, they associate with slip bands during
motion and hinder the movement of dislocations. Secondly, they will create a certain
back stress on the dislocation, preventing further slip of the dislocations. This back stress
delays dislocation slip, thus consuming more dislocation sources [35]. As a result, the
slip plane associated with non-shearable precipitations would be quickly grown and
equilibrated with gliding dislocations. To meet the further increase in strain, the number of
slip bands increases. This means that the distance between slip bands narrows, and the
work-hardening ability is improved. This is consistent with the tested results. It can be
seen from Figure 8b that the glide bands are obviously refined compared with Figure 8a.
The S-R850 steel shows a better strain-hardening capability than other light-weight steels,
as seen from Figure 6b. The strain-hardening capability for the S-R850 steel is due to B2
phase precipitates in the matrix, which causes an Orowan bypassing mechanism [34] and
the production of back-stress hardening.

It can be obtained from Figures 7 and 8 that the D-RA500 and the S-R850 steels exhibit
typical plane slip after plastic deformation, including unidirectional slip planes and the
formation of Taylor lattices at low strain and microstrips at high strain [15]. As shown in
Figure 8d, the development of microbands can be clearly veined. A microband is actually a
structure composed of GND, and it will eventually increase the total dislocation density,
thereby increasing the strength [36]. The source of these GNDs is precisely ascribed to the
unsheared ability of the B2 phase, leading to the Orowan bypass mechanism. This results
in a dislocation ring, which is intrinsically GND.

4.3. Strengthening Mechanisms

Compared with S-R850 steel, the YS of D-RA500 steel is only increased by ~10 MPa,
but the composition of both steels is very different, especially the content of Al and Ni.
This means that the synergistic addition of Ni and Al will have different effects on its
deformation mechanisms. In general, YS can be showed as the following five parts [12,37]:

YS = σ0 + σp + σs + σg + σd (7)
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where σ0 is the lattice friction stress (97 MPa) [38]; σs is solid solution strengthening;
σg is refined grain strengthening; σd is dislocation strengthening; σp is precipitation
strengthening [14]. The solution strengthening in both tested steels could be determined
by the following formula [2,12]:

σs = 279 × CC − 1.5 × CMn + 20.5 × CAl + 3 × CV (8)

σs = 279 × CC − 1.5 × CMn + 20.5 × CAl + 2.9 × CNi (9)

where CC, CMn, CAl , CNi and CV represent the mass fraction of the corresponding element,
respectively. The calculated σs values for the D-RA500 and the S-R850 steels are 443.9 MPa
and 372.8 MPa, respectively. Moreover, according to the classic Hall–Petch relationship, the
grain refinement strengthening (σg) [1] is

σg = Kd−1/2 (10)

where K is the Hall–Petch coefficient for FCC (485 MPa µm1/2) [38] and BCC (570 MPa µm1/2)
[39]; d is grain size (D-RA500: 5.2 µm (austenite); 4.8 µm (ferrite)). The calculated result
of the D-RA500 steels is 209.7 MPa. The σd value could be calculated according to the
following formula [40]:

σd = MαGbρ1/2
d (11)

where M is the Taylor factor, which is 3.06; α is a parameter related to the type of material
(0.2); b is the Burgers vector (0.26 nm); G is shear modulus (72 GPa) [41]; ρd is the value of
dislocation density calculated by XRD. The half-peak width in the XRD pattern, micro-strain
ε and grain size d satisfy the W-H (Williamson–Hall) relationship as follows:

δhkl ·(cosθhkl/λ) = 0.9/d + 2ε·sinθhkl/λ (12)

where δhkl and θhkl are the half width and diffraction angle related to the diffraction peak
(hkl). Since the grain size for both steels is close to 7 µm, Equation (12) can be changed to
the following:

δhkl ·(cosθhkl/λ) ≈ 2ε·sinθhkl/λ (13)

or
δhkl = 2tanθhkl ·ε (14)

The relation for ε and ρd is shown as follows:

ρd = 14.4·
(

ε2/b2
)

(15)

b =
a
2
·[110] (16)

where a is the lattice parameter of the austenite (nm), and σp is precipitation strength-
ening. The value of σp could be measured by combining the following equation and the
experimental data [42] as follows:

σp =

(
10.8· f 1/2

X

)
·
(

ln
(

X
6.125 × 10−4

))
(17)

where f is the phase fraction of the particles and X is the corresponding average diameter.
The unshearable phase, also known as the hard phase, obstructs the glide of the

dislocations and combines the Orowan mechanism to achieve increasing strength [43].
Previous studies have indicated that the presence of shearable phases both within and
at grain boundaries can increase the yield strength of the material based on the Orowan
mechanisms [44]. Thus, to determine the precipitation-strengthening value in Equation (17),
we calculated the average size (X = 0.13 µm) and phase fraction (f = 22.78%) of precipitations
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for the S-R850 steel through image analysis software (Image-Pro Plus, version 6.0). By
Equation (17), the calculation value of precipitation strengthening for the S-R850 steel is
212.4 MPa.

Similarly, we can calculate the precipitation strengthening of the D-RA500 steel ac-
cording to the following formula [6,45]:

σp =
M
N

√
3
2

(
Gb
r

)√
Vf

2W√
π3

(
2πγAPBr

wGb2 − 1
)0.5

(18)

where M is the Taylor factor (for FCC: 3.06), b = 0.26 nm is the Burgers vector for the
dislocation, G is the shear modulus taken to be 70 GPa, w is a dimensionless value equal to
1, r is the average particle radius and Vf is the phase fraction of particles. N is the number
of pile-up dislocations ahead of a κ-carbide ranging from 4 to 8 (here, N = 8). γAPB is the
anti-phase boundary energy; it changes as the content of carbon in the κ-carbides changes
from 0 to 20 at.% and γAPB has a range from 350 to 850 mJ/m2 (here, γAPB = 350 mJ/m2).
According to Equation (18), the calculation value of precipitation strengthening of the
D-RA500 steel is 143.7 MPa.

The estimated values of the YS are in good agreement with the experimental ones in
Figure 9a. The specific values of the strengthening contribution for the experimental steels
are shown in Table 3. The greatest contribution to the total yield strength of the D-RA500
steel is grain refinement and precipitation strengthening. In addition, the strengthening
contribution of the S-R850 steel mainly comes from dislocation strengthening and precip-
itation strengthening. On the one hand, the difference in the strengthening contribution
of both steels lies in the type and size of the precipitated phase, and the increase in the
dislocation density is related to the precipitation of nanoscale particles. On the other hand,
the state of both steels after heat treatment is different, the D-RA500 steel is completely
recrystallized, but the S-R850 steel is in a heterogeneous state. In general, during heat
treatment and subsequent treatment, the dislocation resulting from the volume change is
pinned by the precipitated phase, causing the dislocation density to change.

Table 3. Strengthening contribution values of experimental steels.

Steel YS σ0 σp σs σg σd

D-RA500 875 97 143 444 210
S-R850 865 97 212 373 167

Figure 9b represents the correlation between yield strength and elongation of the
measured specimen. The corresponding data of other low-density steels with similar
compositions are also counted in the graph [38,46–55]. Compared with other alloy materials
in the graph, the samples in this paper have better mechanical properties. Among them,
the D-RA500 steel can present good TEL as high as 21%, while the S-R850 steel with more
Ni has high YS as well as good ductility. The UTS, YS and TEL for the D-RA500 steel are
1035 MPa, 875 MPa and 21%, respectively, while they are 1150 MPa, 865 MPa and 27%,
respectively, for the S-R850 steel. This offers a method to solve the problem that high
strength and good ductility are unable to coexist in light-weight steels and also supplies
a new idea to further improve the yield strength of light-weight steels by adjusting the
content of alloying elements.

On the basis of the above results, the development and evolution of microstructures in
both steels are illustrated schematically in Figure 10. For the D-RA500 steel, after solution
treatment, the microstructure is composed of austenite, ferrite and κ-carbide. In addition,
there is a small number of twins (Figure 3a). There are some annealing twins after anneal-
ing, which can help to reduce the grain size, but the κ-carbide will hinder the movement of
the grain boundary, thus inhibiting the formation of annealing twins, so the twin density is
low [56]. In addition, there are nanoscale-ordered carbides in the D-RA500 sample. During
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plane slip, the dominant dislocation could shear the ordered phase (κ-carbide) and promote
the dislocation to continue to expand along the same slip plane, thus promoting plane
slip [28]. Secondly, the size of the κ-carbide is small, so a large amount of slip is required
to adapt to large plastic deformation, resulting in obvious plane slip [57]. For the S-R850
steel, after cold rolling, a large number of slip bands and high-density dislocations will be
produced inside, which would lead to a certain recrystallization driving force for deformed
austenite and the B2 phase during high-temperature annealing, causing partial recrystal-
lization. When the crystallization process is carried out, the B2 phase will precipitate at
the austenite grain boundary (green triangle in Figure 10) [11,58]. At the same time, B2
particles will also have a pinning effect, hindering the growth of austenite grains. In the
incomplete recrystallized region, the B2 phase precipitates along the slip band and disloca-
tion, which will hinder the recrystallization, meaning that the unrecrystallized austenite
region accounts for a large part.
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5. Conclusions

In summary, this work explored the synergistic effect of Ni and Al on the strengthening
contribution and microstructure evolution of low-density steels, and the conclusions are
shown below.

By calculating the SFE of the D-RA500 and the S-R850 samples, it can be concluded that
the deformation mechanisms are mainly dominated by plane dislocation slip. For the D-
RA500 sample, although κ-carbide is present, it belongs to the nanoscale and it is coherent
with the matrix, the barrier to dislocation movement is weak. When the dislocations
interact and shear the κ-carbides, plane sliding is promoted. For the S-R850 sample, in
the incomplete recrystallization state, there is the precipitation of the B2 phase, which will
hinder the movement of the dislocation and cause it to produce congestion.

During the plastic deformation process, plane dislocation slip plays a dominant role
and causes obvious strain hardening in the steels. The D-RA500 steel has κ-carbides, which
are easily sheared by sliding dislocation and result in a low strain-hardening rate, while
the S-R850 steel has a B2 phase, which is in a non-uniform relationship with the matrix and
will not be sheared by sliding dislocation, so its strain-hardening rate is high.

The yield strength of D-RA500 and S-R850 is similar, but the strength contribution
is different. The D-RA500 steel is mainly strengthened by κ-carbide precipitation and
grain boundary strengthening under the recrystallization state, while the S-R850 steel
is strengthened by dislocation strengthening and B2-phase precipitation in the state of
incomplete recrystallization.
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